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CHAPTER 1: GENERAL INTRODUCTION 
 
Composite materials maintain a major place in the world around us.  From ancient 
bricks as a composite of clay and straw to modern carbon fiber-polymer reinforced aircraft 
structures, composites have compensated for the weakness of one component with the 
strength of another throughout history.  Deformation processed metal-metal composites 
(DMMCs) are a relatively new addition to this class of engineering materials, yet are no 
different in their objective.  In DMMCs a mixture of two ductile metals is subjected to severe 
plastic deformation, bonding the metals and creating a composite with desirable properties.  
The microstructure of these materials is equally interesting; deformation produces high-
aspect-ratio filaments throughout the material.  This microstructure contains metastable 
filaments on a nanometer scale, resulting in unique and desirable mechanical and electrical 
properties.  DMMC structure-property relations are not completely understood by the 
scientific community at present.  This dissertation focuses on understanding these structure-
property relations in the Al-Sr system. 
 
1.1  A History of Deformation Processed Metal-Metal Composites (DMMCs) 
Many DMMCs have been studied using two primary methods of production.  By 
melting together two metals that are miscible in the liquid phase yet immiscible as solids, 
solidification separation creates a two-phase structure where each phase is a nearly pure 
element.  The method has been used for several compositions, including numerous Cu-X 
2 
 
(where X is a refractory metal: Nb, V, Ta, Mo, W, etc.) variations [1,2], Ag-Ni [3] and 
pearlitic steels [4].  Many of these composites rely on a face-centered cubic (fcc) or body-
centered cubic (bcc) matrix with a similarly structured metal for the second phase.  However, 
among the Cu-X systems, considerable attention has been paid to composites with an fcc 
matrix and bcc filaments. For example, Cu-20 vol.% Nb has seen extensive study, achieving 
2000 MPa ultimate tensile strengths after deformation to a true strain  of 12 [5], where: 
 
Alternatively, the same two-phase microstructure can be achieved by mixing elemental 
powders of similar size prior to processing [6].  Elemental powders are weighed to the 
correct proportions and thoroughly mixed until uniformly blended.  Powder compaction 
methods such as cold and hot isostatic pressing are used to create a monolithic piece.  
Regardless of how the piece begins its life, the desired filament microstructure is created by 
mechanical deformation by rolling to produce sheet, or axially symmetric deformation such 
as swaging, drawing or extrusion to produce rods and wire. 
 The first technical reports on these materials were published in the 1960's, treating 
heavily deformed pearlitic steel as a Fe-Fe3C DMMC.  This study was the first to use 
characterization by transmission electron microscopy (TEM) to relate microstructure to 
mechanical properties at high true strains [4]. During the 1970's, Cu-Nb composites were 
created by 99.99% reductions in area by room temperature wire drawing without stress-relief 
anneals [1].  These materials surpassed the strengths of all commercial copper alloys by a 
considerable margin, and the 1980's saw many reports of Cu-matrix DMMC's. 
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Research on DMMC materials has not entirely centered on Cu-matrix composites. In 
addition to cubic crystal structures, Russell et al. demonstrated that the same filamentary 
composite microstructure can be created with non-cubic elements such as Ti, Sc, and Y [6], 
indicating the potential of hexagonal closed packed (hcp) composites with metals of other 
crystal structures.  While promising, Russell’s work [6] suggested that many hcp-hcp and 
hcp-bcc composites may not have the appropriate number of active slip systems to tolerate 
extreme mechanical deformation. 
 
1.2  Strengthening of DMMCs 
The cause(s) of DMMC’s high strengths are not fully understood.  Over the past few 
decades, several theories have been proposed to account for the high strengths usually 
observed in these composites.  The most easily determined measurement of strain for axially 
symmetric deformed composites is given by the true strain,  but this simple value does not 
adequately account for all the changes that are occurring within each phase of the composite.  
The several theories presented to explain the high strength in these composites involve the 
following factors: 
 
 high dislocation densities near phase boundaries 
 geometrically required dislocations 
 interactions between dislocations and phase boundaries 
 energetically costly Frank-Read sources 
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The strength of any material is closely related to its grain structure, phase structure, and 
dislocation motion, therefore models have centered on relating these factors to strength 
through either the rule of mixtures or the Hall-Petch relationship. 
 The rule of mixtures states that the strength of a multi-phase material is equal to the 
sum of the strengths of the individual phases multiplied by the volume fraction of each phase.  
For traditional composites, the rule of mixtures over-estimates the material's strength. In the 
case of the Cu-X composites [1], their strengths are considerably under-estimated by the rule 
of mixtures calculation as modified by Bevk: 
 
where UTS is the ultimate tensile strength, and V is the volume fraction; subscripts denote 
the fiber (f), composite (c), and matrix (m) respectively.  This rule assumes that each phase 
acts as a separate load-bearing column within the composite and ignores the effects of phase 
boundaries on dislocation motion and initiation.  Using the rule of mixtures, Bevk et al. [1] 
predicted that UTS for Cu-18.2 vol. % Nb would be no greater than 550 MPa; however, it 
was measured to be 650 MPa (=5.5) to 2.2 GPa (=11.5).  Bevk’s equation above presumed 
the load-bearing column effect is the primary strengthening effect in DMMCs, but this 
neglects the contribution to strength that the second phase makes by providing barriers to 
dislocation motion through the matrix.  The underestimation of the Cu-X composite strengths 
that resulted from applying only the load-bearing column concept suggested that this model 
was inadequate, and an improved model was needed to account for the interaction between 
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matrix and filaments.  It is also interesting to note that the simple rule of mixtures model fails 
by progressively worse margins as cold work progresses, indicating that the strength of 
DMMCs must be at least partially attributable to dislocations, phase boundaries, and their 
interactions. 
 The rule of mixtures has been modified a number of times to more appropriately 
describe the strengthening in DMMC materials.  Verhoeven et al. [7] used Bevk’s rule of 
mixture approach but replaced Bevk’s f,UTS and m terms with x, where x is an inverse 
proportionality between filament thickness and strength, logarithmically.  Their equation for 
estimating the strengths of Cu-Nb materials is given by: 
 
where b is the Burger’s vector length, t the filament spacing, G the shear modulus, i the 
friction stress, M the Taylor factor, and A a dimensionless constant related to the nature of the 
dislocation (assuming a mix of edge and screw). 
 Funkenbusch et al. [3,8] modified the rule of mixtures by including volumetric 
weighted averages of the filament and matrix flow stresses (A and B) rather than the 
ultimate tensile strengths used by Bevk: 
 
where V represents the volume fractions of filament and matrix.  The flow stress A and B 
were suggested to correspond to the strength of the single-phase alloy, but with additional 
strength added by a higher dislocation density.  These flow stresses are given by: 
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with  representing the dislocation density,  is a constant of order unity, and 0 is the 
hypothetical single-phase alloy strength that has a negligible dislocation density.  
Funkenbusch assumed that the dislocation density in both the filament and matrix vary with 
the true strain, , and the filament spacing, t, and that strain incompatibilities are generating 
geometrically necessary dislocations. 
 The model proposed by Funkenbusch asserts that the high strength of DMMC 
materials can be attributed to the massive number of geometrically necessary dislocations 
required to deform a two-phase microstructure as compared to a single-phase microstructure.  
These geometrically necessary dislocations will then become tangled, and these tangles will 
divide the filaments into smaller and smaller subcells, reducing dislocation mobility and 
thereby greatly increasing strength.  However, Frommeyer et al. [9] measured dislocation 
densities and noted that at high true strains the dislocation density actually decreases, 
contradicting the Funkenbusch model, and suggesting that dislocation annihilation may occur 
at the large number of phase boundaries. 
Strengthening based on a model originally proposed by Hall [10] and revisited by 
Petch [11] has often been used to describe the strengthening of a material by the interaction 
of dislocations with grain boundaries.  The Hall-Petch relationship has been proposed to 
account for the anomalously high strength in Cu-X composites as given by: 
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where y is the yield strength of the material, o and K are empirically determined constants, 
and d is the grain size [12].  The Hall-Petch relationship states that the yield strength of a 
material is inversely proportional to the square root of average grain size.  This model of 
strengthening can be extended to two-phase structures by assuming that phase boundaries 
will act similarly to grain boundaries by blocking dislocation motion.  The phase spacing in 
DMMC materials is often in the tens of nanometers range, meaning the Hall-Petch 
relationship would predict quite large strengths.  Unfortunately, it is also known that the Hall-
Petch relationship is unreliable for grain sizes under about 20 nm in size for single-phase 
materials.  However, Embury and Fisher [4] applied this model to their pearlitic steels and 
developed the equation: 
 
where c is a geometric factor relating the spacing between barriers (cells, grain and phase 
boundaries) to the mean slip distance within a region of re size. The variable re is equivalent 
to d in the standard Hall-Petch relationship. This modification of the Hall-Petch relationship 
relies on the reasoning that the distance between barriers (re) is related to the original distance 
between barriers (ro) by the ratio of diameters at beginning and end: 
 
where Do and De are, respectively, the original diameter and the diameter at which the piece 
is being evaluated.  Using this model Embury and Fisher [4] found good agreement with their 
data for highly deformed pearlitic steels.  Not all composite systems are described well by 
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this model, because it assumes there is no net change in barrier number throughout 
processing and that these barriers include cell walls within grains.  That is to say, barriers are 
neither created nor destroyed during the mechanical deformation and recovery respectively. 
This model seems unlikely to accurately describe the strengthening behavior in most systems 
due to the high strain imposed upon the lattice. 
 Similar models have been presented that attempt to account for the passage of 
dislocations through the material based upon other known relationships.  Adapted from the 
work of Orowan [13], Morris and Morris [14] considered the filaments to be unshearable 
particles with dislocations bowing between them.  Orowan predicts the material strength 
Orowan: 
 
where m is the matrix flow stress, b is the Burger's vector length,  is the shear modulus, and 
 is the spacing from the centers of each of the unshearable particles.  Morris and Morris 
modified this equation by adding the Hall-Petch strengthening term, and for Cu-X alloys the 
strength of the composite is predicted in the model by: 
 
where  is the diameter of particles, m is the matrix stress, k is a constant, and D is the 
average grain diameter.  The constant 5.8 is created through combining other constants in 
previous equations and parameters unique to the active slip systems in Cu. 
9 
 
 Data initially supported the belief that strengthening followed the Hall-Petch 
relationship.  Investigations by Spitzig and Krotz [5] showed an exponential dependence of 
strength with phase size of -0.47, which is in close agreement with the Hall-Petch exponent 
on grain size of -0.5.  This value was later proven to be incorrect [7] by showing that SEM 
examinations of phase spacing were inaccurate, that TEM investigations provided a much 
more accurate value, and that the exponent at high  values becomes smaller in magnitude. 
 Geometrically necessary dislocations are also believed to be a strengthening 
mechanism for these materials.  Polycrystalline samples are seen to have higher dislocation 
densities than single crystals at equal strain, due to this phenomenon.  To achieve ductility in 
polycrystalline samples, dislocations are created to avoid volume defects (voids and/or two 
grains occupying the same volume simultaneously) that would occur in the absence of such 
dislocations. This can also be applied to multiphase materials.  By considering a phase 
boundary to act as a grain boundary, geometrically necessary dislocations are required for 
ductility of the sample and will aid in strengthening the composite. 
 
1.3  Texture Development 
No crystal structure has identical properties in all directions.  Whether it is yield 
strength, elastic modulus or Poisson's ratio, crystal anisotropies result in differing properties 
based upon crystallographic orientation.  Cubic materials such as Cu even exhibit this 
anisotropy.  For example, Cu has an elastic modulus of 193 GPa along the <111> direction 
yet only 69 GPa along the <100> direction [15].  It is therefore unsurprising that the crystal 
structure and orientation of the individual phases play a large role in dislocation slip and 
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microstructural development.  If a given combination of slip plane and slip direction (i.e., a 
given slip system) is the easiest method for dislocations to move, the crystal structure often 
tilts during plastic deformation in such a way that flow occurs most easily and energy is 
minimized.  This tilting and reorientation of crystals results in a lack of randomness of 
crystalline orientation called texture. 
 The massive cold working of DMMC materials results in a heavily textured crystal 
structure, and this texture develops quickly during processing. Even at low  values, Biselli 
and Morris [16] showed via diffraction from x-rays and electrons (in a TEM) that in the Cu-
Fe system a strong <110> fiber texture develops.  This means that the crystals have tilted 
such that the <110> direction is parallel to the axis of deformation (in this case the 
specimen’s center line).  A <110> fiber texture is common among bcc metals that have been 
severely deformed by swaging, extrusion, or wire drawing.  At the same low  values, Biselli 
and Morris report that the Cu matrix developed a mixed texture of <111> and <001> 
orientations.  While both orientations were observed, <001> was seen to be the more 
common.  Comparing the development of texture in the Cu-Fe composite to pure Cu texture, 
similarities can be drawn.  Pure Cu also shows both <001> and <111> fiber texture, yet the 
proportions of each orientation differ.  Russell [17] studied the Ti-Y system and observed 
texture development as a function of true strain.  Russell showed that hcp materials often 
develop a texture where the basal planes of the hcp unit cell are parallel to the axis of 
deformation, resulting in a <0001> fiber texture. 
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Figure 1:  <110> fiber texture in bcc materials.  Each cube depicts a bcc unit cell with the 
<110> direction aligned along the axis of deformation. 
 
It is noteworthy that the fiber texture in all these systems still provides freedom of rotation.  
While the crystallographic direction is aligned with the axis of deformation, the remainder of 
the crystal is free to rotate, so that any angular position around the rod axis is possible. 
 Available slip systems determine which textures will form in any given system, and 
DMMCs are no different in this regard.  The energy to form and subsequently move a 
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dislocation through a crystal structure depends upon the magnitude of the Burger’s vector; 
therefore to minimize this energy the smallest Burger’s vector is favored for slip.  Not 
surprisingly, slip occurs preferentially on planes and in directions that are the densest packed 
because the Burger’s vector is at its minimum in such systems.  In fcc systems, both the 
<001> and <110> fiber textures are preferred because each orientation provides three or 
more slip directions for plastic flow.  Cu-Ag studied by Frommeyer and Wassermann [9] 
were observed to form filaments that are approximately cylindrical rather than the folded 
ribbon structure seen in other Cu-X systems where the metal X has a crystal structure other 
than fcc.  This circular filament microstructure persists in the Cu-Ag system due to the 
development of texture along the same slip systems between metals. 
 
1.4  Microstructure Evolution 
The filament structure is integral to the strength and conductivity of DMMC 
materials, and the loss of this microstructure degrades these properties.  The stability of these 
structures is therefore critically important to their potential utility as engineering materials.  
However, with small fluctuations in surface shape of the filament structure in DMMCs, there 
arises the potential to destabilize the microstructure. 
Courtney [18] investigated the mechanical and thermal instability of these finely 
divided structures.  He focused on a rod-like composite as an example where the high 
dislocation density resulted in microstructural instability via capillarity effects.  The 
dislocation density was calculated such that diffusion via dislocations (sometimes called 
“dislocation pipeline diffusion”) would result in the same amount of mass flux as lattice 
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diffusion.  In this study, however, Courtney’s calculations estimated that the dislocation 
density of these regions would need to be unrealistically high to increase the coarsening rate 
by the necessary amount. 
  In addition to Courtney’s investigation, studies have been reported that more directly 
focus on DMMC materials and their degradation in properties with respect to microstructural 
changes.  Spitzig [19] noted that strength is lost in DMMCs after exposure to high 
temperatures.  Cu-Nb and Cu-Ta samples were annealed for 24 hours and then had their 
tensile strengths measured.  In the Cu-Nb system, the strength loss was minimal when 
annealed at 573K, yet very pronounced when annealed at 873K.  Spitzig suggested that the 
nano-scale filaments offered a large kinetic driving force by coarsening and reduction of 
surface area:volume ratio, resulting in a spheroidizing of the filaments.  The Cu-Ta samples 
did not lose as much strength as did the Cu-Nb composites, and this lesser strength loss is 
likely attributable to Ta’s higher melting temperature (3000°C), compared to Nb’s (2470°C), 
resulting in slower boundary diffusion driven coarsening. 
Malzahn Kampe et al. [20,21] studied the instabilities in numerous DMMC materials, 
which showed different responses to elevated temperatures.  The Cu-Fe system followed a 
path that included cylinderization, boundary splitting, and finally resulting in edge 
spheroidization, while the Ni-W system displayed cylinderization in hypoeutectic composites 
and boundary splitting in liquid-phase-sintered samples.   Their experimental observations 
were explained by what was described as primary instability.  Curvature differences create a 
driving force that leads to cylinderization, while edge spheroidization is a result of the 
surface perturbations along the edge.  Boundary splitting is a process by which thermal 
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grooving drives the breakdown of filaments within the composite.  This boundary splitting is 
also a secondary effect on the longitudinal dimension of the filaments, breaking the filaments 
into shorter lengths and influencing microstructural evolution.  A diagram of this process is 
shown in Figure 2. 
 
 
Figure 2:  Filament breakdown at elevated temperatures. Redrawn from [20] 
 
Not all microstructural changes in DMMC materials require elevated temperatures.  
Xu et al. [22] showed that in the Al-Sn system, instabilities occur at room temperature.  Xu 
explained this as a chemical potential gradient acting on the system due to surface curvature.  
This explanation is based upon the work of Lord Rayleigh [23] and later Mullins [24], who 
stated that a system will be unstable if the wavelength of the perturbation, , is higher than 
the circumference of the cylinder (2·R), as show in Figure 3.  With positive curvature in the 
surface at point A, the surface atoms will diffuse away from this region, and alternately 
15 
 
toward regions with negative curvature such as point B to achieve the lowest free energy 
state. 
 
 
Figure 3: Transition from rod to spheres by surface perturbations. 
 
 In systems with solid solubility regions or intermetallic regions, this morphological 
change is not as simple.  Due to the large amount of mechanical work having been done to 
the composite, the interface between the matrix and the filament will be atomically clean 
resulting in intimate contact between atoms.  With increased temperature atoms of both 
matrix and filament become mobile and may hop to vacant sites near them and grain / phase 
boundaries provide an excellent place for this action to occur.  Not only will the 
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microstructure evolve, but mixing of atomic species is likely to occur at the multitude of 
phase boundaries in a DMMC material whose system contains solid solubility regions or 
intermetallic formation if the sample is exposed to heat. 
Wongpreedee and Russell [25-27] studied Au-Ag and Au-Pt systems to investigate the 
kinetics of microstructural instabilities in systems where large regions of solid solubility were 
present.  By measuring electrical resistivity in highly conductive samples, Wongpreedee was 
able to determine the rate constants for interdiffusion of constituent elements by describing 
the transformation fraction (x) as: 
 
where trans is the resistivity in any state of partial transformation, 0 is the initial sample 
resistivity, and max is the maximum resistivity assuming all transformation is complete.  This 
transformation percentage can also be described in a homogenous solid-state transformation 
as a function of time and temperature by the Johnson-Mehl-Avrami (JMA) equation: 
 
where temperature is assumed to be constant, t is the time at that temperature, k is the rate 
constant of the transformation, and n is the power related to the transformation mechanisms.  
Taking the logarithm of this equation twice allows for a linear plot that makes determination 
of the constants k and n possible. 
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Wongpreedee went on to determine the activation energy for the diffusion resulting in 
a homogenous solid solution of the starting elements by setting the rate constant, k, equal to 
the Arrhenius equation for an atomistic model of the diffusion process, given by: 
 
where A is an empirically determined constant, R is the gas constant, T is the absolute 
temperature, and Q is the activation energy for diffusion. 
Their work showed that a number of factors affect the activation energy for such 
microstructural decompositions including surface-curvature-driven chemical potential, strain 
effects from stored elastic energy, coherency energy, and high defect concentrations.  The 
work of Wongpreedee can readily be extended to other DMMC microstructures that are 
changing at elevated temperature, such as intermetallic formation. 
Intermetallic compound formation is an activation-energy-controlled process 
somewhat similar to diffusion-based microstructure decomposition.  Rather than species A 
diffusing into species B as a homogeneous mixture, species A and B react to form a new 
phase.  The processes governing such a reaction are often limited greatly by kinetics, because 
after the initial formation of intermetallic, atomic species must first diffuse through the new 
phase for growth to continue.  In many intermetallic compounds, the Gibbs free energy curve 
is very steep, resulting in strict composition requirements where stoichiometry must be 
maintained such that the compound remains in the form AxBy where x and y are integers. 
The stoichiometric nature of intermetallic compounds limits growth morphologies 
and rates.  Intermetallic compounds are present in many materials as faceted objects, where 
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each facet is the result of different nucleation and growth rates of each crystallographic plane 
[28].  These stoichiometric composition ratios and faceted geometries limit free attachment 
and motion of atoms on the surfaces of these planes, as singular atoms disrupt the needed 
composition ratio of the compound and are energetically unfavorable.  Therefore, a 
stoichiometric intermetallic compound cannot grow via simple free, random attachment of 
atoms.  Its growth may be better treated similarly to a plate-like precipitate that grows larger 
via a kink or ledge growth mechanism (Figure 4) [29].  Under these constraints of growth, 
long-range diffusion must take place to accommodate the need to place whole stoichiometric 
AxBy units at the edges of the kinks and ledges. 
 
 
Figure 4: Growth of plate-like or faceted precipitates by ledge mechanism.  
Redrawn from [29]. 
 
Figure 4 illustrates how this ledge mechanism for growth occurs, where  is the ledge 
frequency, h is the height of the ledge, u is the rate of lateral motion of the ledge, and v is the 
thickening rate of the precipitate.  The activation energy for this formation may still be 
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determined via the JMA equation and Arrhenius equation for the reaction, despite the 
difference in mechanisms when compared to homogeneous solutions. 
Kidson [30] explored the growth of diffusion layers in binary systems using Fick’s 
laws of diffusion.  Starting from a binary system, Kidson extrapolated his equations to 3-
component and later n-component systems.  In these equations, Kidson demonstrated that the 
growth of additional phases via diffusion should follow the parabolic rate law: 
 
where x is the thickness of the growing phase, t is time at a temperature, and k is a rate 
constant dependent upon interdiffusion coefficients.  This equation states that the growth of 
such a phase will decrease in rate as the time at temperature increases.  Rate-limiting growth 
behavior should then be observed in the formation of intermetallic compound layers that are 
formed by diffusion of elements.   In a case where the initial filament size is known in a 
DMMC system, the overall thickness of the non-matrix phases is expected to follow a 
relation similar to: 
 
where x is the current filament thickness at time t, k is the rate constant for the reaction, and 
x0 is the initial filament thickness.  This equation is not entirely correct however, because it 
does not account for the reduction in initial filament thickness required for the formation of 
the new phase.  While imperfect, this equation does provide a model for comparison of the 
filament thickness as a function of heat treatment for single temperatures. 
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1.5  The Al-Sr System 
The aluminum-strontium system was chosen for study for possible use as a high-
strength, high-conductivity DMMC for power transmission lines.  Both Al and Sr are fcc 
metals, with similar densities and moduli.  This system is of particular interest for DMMC 
materials due to the nature of the Al-Sr phase diagram (Figure 5) [31].  At thermodynamic 
equilibrium, the Al-Sr system contains several intermetallic compounds such as Al4Sr and 
Al2Sr and Al7Sr8.  In addition, the Al-Sr system contains no regions of solid solubility at high 
Al or Sr contents.  The crystal structures for these phases are different:  cubic, tetragonal, or 
orthorhombic. 
 
Table 1:  Crystal structures of the Al-Sr system 
Phase Pearson 
Symbol 
Density 
(g/cm
3
) 
Lattice 
Parameters (Å) 
Lattice 
Angles 
Al [32] cF4 (fcc) 2.70 [33] a=b=c=4.0497 ===90° 
-Sr [34] cF4 (fcc) 2.59 a=b=c=6.082 ===90° 
Al4Sr [35] tI10 2.97 a=b=4.45 
c=11.05 
===90° 
Al2Sr [36] oI12 3.11 a=4.801 
b=7.905 
c=7.974 
===90° 
Al7Sr8 [37] cP60 2.85 a=b=c=12.753 ===90° 
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Figure 5: Aluminum-Strontium phase diagram.  From [31] 
Table 2:  Comparison of basic properties of Al and Sr 
Property Aluminum Strontium 
Crystal Structure fcc fcc 
Density (g/cm
3
) 2.70
†
 2.59
*
 
Atomic Radius (Å) 1.43 2.15 
Elastic Modulus (GPa) 69
† ** 
Yield Strength (MPa) 12
† ** 
Conductivity (-cm) 2.63
‡
 13.5
‡
 
*
 From [34], 
†
 From [33], 
‡
 From [38]. 
** 
No mechanical properties data were found in the literature for Sr. 
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Several DMMCs with an Al matrix have been reported; these include Al-Ti, Al-Sn, 
Al-Mg, and Al-Nb [22,39-43].  No Sr-matrix DMMCs have been reported.  It is clear from 
these reports that a DMMC material can be created in the Al-Sr system assuming that Sr has 
even limited ductility.  However in each of these DMMCs, intermetallic phase formation was 
not an intended outcome of the composite.  The Al-Sr system presents a unique opportunity 
to investigate a metal-metal composite system in hopes of creating a metal-intermetallic 
composite for in-situ strengthening.   
The Al-Au system was chosen for comparison as no reaction studies were found in 
the literature for the Al-Sr system.  The Al-Au system (Figure 6) shares many similarities 
with the Al-Sr system.  Both systems have a number of intermetallic phases including line 
compounds and both Au and Sr have negligible solubility in Al.  In electronics 
manufacturing, intermetallic compound formation is an integral part of wire bonding in 
semiconductor applications, providing strength and promoting bonding between Au wires 
and Al substrates [44] .  The bonds between Al and Au in microelectronics systems are often 
created in the solid state, similar to the Al-Sr DMMC.  Additionally, Al-Au intermetallic 
compound formation is occurring in a high speed signal contact, where the electrical 
properties are critically important.  This suggests that an intermetallic compound forming 
within the Al-Sr system could provide an increase in strength to the composite without 
drastically increasing resistivity. 
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Figure 6: Al-Au phase diagram. From [45]. 
Many studies of Al-Au intermetallic compounds have been reported in the literature, 
including studies on intermetallic compound formation via diffusion couples [46]. Philofsky 
created butt-welded diffusion couples and measured the activation energy in this system.  The 
activation energy was calculated to be 63.6 kJ/mol.  In his work, diffusion couples were heat 
treated at 473-733K for various time intervals.  Philofsky observed the Au5Al2 intermetallic 
compound to predominate, yet all five equilibrium compounds were observed in samples 
even with heat treatments consisting of long times at high temperatures.  However, Kidson 
[30] proved that this is not the case for growth in all systems with diffusion layers.  Notably, 
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in the Al-Ni system Castleman and Siegle [47] do not detect all phases when an intermetallic 
diffusion layer was formed.  Philofsky’s work did show that the intermetallic layer produced 
appeared as a barrier phase between the Al and Au bulk phases. 
 
 
Figure 7: Al-Au intermetallic compound formation, heat treated at 733K for 100 minutes.  
1600x.  From [46] . 
Diffusion couple experiments have also been completed on the Al-Zr system by 
Kidson and Miller [48].  Polished disks of Al and Zr were mechanically clamped together 
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while heated to 826-913K for varying lengths of time.  Phase compositions were analyzed by 
electron probe scans and powder x-ray diffraction.  While there are 9 intermetallic 
compounds present in the Al-Zr system, only the ZrAl3 compound was observed in the 
samples.  Kidson and Miller calculated the growth rate of the intermetallic layer in this 
system, including an activation energy.  The activation energy for the formation of the ZrAl3 
intermetallic layer was determined to be 46kJ/mol.  It is noteworthy that this system requires 
temperatures that are considerably higher than those required for diffusion in the Al-Sr 
system; however, the general growth mechanisms and resulting morphologies will be 
identical.  The Al-Zr intermetallic layer was observed to grow similarly to the Al-Au 
intermetallics studied by Philofsky.  The interface was roughly planar and parallel.  Due to 
the nature of the experiments carried out in the Al-Zr system, the interface was much more 
linear than in the butt-welded Al-Au samples of Philofsky.  Figure 8 illustrates the interface 
as observed by Kidson and Miller. 
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Figure 8:  Al-Zr diffusion couple.  Annealed at 826K for 30 hours. 
30x  From [48]. 
 
These two systems provide insight into the formation of the intermetallic layer in the 
Al-Sr system.  The intermetallic layer formed is expected to be planar and roughly parallel to 
the Sr filaments and Al matrix.  The activation energy for the intermetallic layer formation is 
expected to be relatively low.  In both Al-Au and Al-Zr systems, the activation energy for the 
intermetallic layer formation was calculated as being between 40-70 kJ/mol.  The Al-Sr 
system is expected to behave similarly, as the interface will be atomically clean following 
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swaging.  However, the reactions studied in the Al-Au and Al-Zr systems took place at 
temperatures above the expected reaction temperatures (573-673K) for the Al-Sr system.  
Consequently, the activation energy for the Al-Sr intermetallic layer formation may not be as 
low as those calculated for the Al-Au and Al-Zr systems. 
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CHAPTER 2: EXPERIMENTAL PROCEDURE 
2.1 Al-Sr Wire Experiments 
The Al-Sr composite studied in this project was processed starting from wire 
precursors.  Aluminum wire was provided by an external supplier at 99.99% purity at 2mm 
diameter.  The strontium material was obtained from the Materials Preparation Center (MPC) 
at Ames Laboratory in the form of 15mm-diameter rods of 20 to 25cm length. The Sr was 
swaged to 2mm diameter using a mineral oil coating on the metal to reduce oxidation during 
deformation processing.  Both Al and Sr wires were then cut into 4-inch lengths, loaded into 
an Al can under an inert atmosphere, were separated by a steel sheet.  The steel sheet was 
used to separate the three compositions being extruded in the can:  pure Al wires, Al / Sr 
mixed wires, and Al/Ca mixed wires (Figure 9).  The samples were extruded simultaneously 
to reduce cost and processing time.  The number of Sr wires was chosen to achieve 
approximately 9 vol.% Sr.  The numbers of Al and Sr wires used in the sample are shown in 
Table 3. 
 
Table 3:  Wires used to create Al-Sr bundle for extrusion. 
Element Number of 2mm 
diameter wires 
Al 931 
Sr 92 
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After the wires were loaded into the Al can, the assembly was placed in a mechanically 
pumped vacuum chamber for several hours prior to sealing the can’s lid in place in vacuo by 
electron beam welding. 
 
 
Figure 9:  Schematic of loaded extrusion can. 
 
 The sample was extruded by SAPA, Inc., in Portland, OR, from a starting diameter of 
89mm down to 26mm (extrusion ratio of 11.77).  The extrusion was performed at 561K.  
Little intermetallic is expected to have formed during extrusion due to poor initial metal-
metal contact between the Al and Sr wires.  The extruded rod was cut into shorter sections to 
remove the pure Al and Al-Ca specimens, leaving only the Al-Sr composite.  A rare-earth 
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magnet was used to ensure that no steel (used as a separation barrier inside the can between 
specimens) would be carried through further deformation steps.  Al can material was allowed 
to remain on the exterior of the Al-Sr composite, because this would protect any surface Sr 
from reaction with the atmosphere.  The extruded Al-Sr composite was swaged from 
approximately 26mm diameter to 6.3mm diameter, where drawing began.  The sample was 
further reduced to a 1.10mm (nominal) diameter via hydraulically assisted wire drawing and 
hand drawing of the wire.  Molybdenum disulfide lubricants were used on the wire during 
drawing to reduce die friction and reduce chances of wire fracture. 
 The Al-Sr composite at =8.79 was sectioned using wire cutters into 12.5cm lengths 
prior to heat treating.  Prior to any heat treatments or measurements, the samples were 
cleaned using trichloroethylene and ultrasonic agitation to remove any remaining lubricants 
from mechanical processing and skin oils from handling.  These samples were annealed at 
varying temperatures and times, shown in Table 4.  The samples were all cleaned with 
trichloroethylene prior to any heat treatments and subsequently handled using gloves to 
reduce any surface contamination effects on the results.  Following each heat treatment, 6mm 
was cut from the end of each segment for SEM examinations, and the three samples were 
chosen at random to have an additional 6mm length cut for differential scanning calorimetry 
(DSC) experiments and x-ray diffraction (XRD) studies. 
 
 
 
31 
 
Table 4:  Initial heat treatment matrix for Al-Sr composites. 
 
Following resistivity measurements on the samples as heat treated in Table 4, additional heat 
treatments were performed to better explore the time / temperature regions where the reaction 
occurred.  New 10mm sections of wire were taken for additional measurements at 510K, 
543K, and 573K.  The beginning times of these new heat treatments were selected to be 
slightly prior to the observed reaction start in the initial heat treatment matrix measured by 
resistivity, and are shown in Table 5. 
 
Table 5: Additional heat treatments for Al-Sr composite 
Temperature (K) Time (hours) 
483 36.5 40 48     
513 8 16.5 24 32 40   
543 1.5 2 2.5 3 3.5 4 4.5 
573 0.67 1 1.33 1.67 2 2.33 2.67 
 
 
2.2  Sr Tensile Samples 
Since no tensile data were found in the literature for Sr, tensile tests were performed 
to increase understanding of this composite system.  Sr rods from the Materials Preparation 
Temperature (K) Time (hours) 
483 0.33 1.0 2.0 4.0 24  
510 0.33 1.0 2.0 4.0 24  
543 0.083 0.50 1.0 2.0 24  
573 0.083 0.17 0.33 1.0 49  
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Center at Ames Laboratory were obtained in identical condition (prior to swaging) to those 
used to create the Al-Sr composite.  Two Sr rods were cleaned in inert atmosphere and upon 
removal to atmosphere quickly submersed in mineral oil to minimize oxidation.  These were 
then machined on a lathe to form cylindrical tensile test specimens with 26mm gauge lengths 
and a 11mm diameter in the gauge length. 
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CHAPTER 3:  DESCRIPTION OF TEST METHODS 
Tests were performed to determine the reaction kinetics for the Al-Sr system.  Multiple  
methods were used to measure the rate at which the intemetallic formation reactions occurred 
in the Al-Sr wires.  These test methods were: 
 Four-point probe resistivity measurements 
 Scanning electron microscopy 
 Differential scanning calorimetry 
 X-ray diffraction 
 Tensile tests of pure Sr metal 
 
3.1  Four-point Probe Resistivity Measurements 
Resistivity has proven useful in determining the rate of formation of a homogenous 
solid solution alloy at elevated temperatures in numerous studies, including that performed 
by Wongpreedee and Russell [25-27].  A similar method was employed to determine the 
reaction kinetics in the Al-Sr system. 
 The four-point probe method of measuring resistivity relies on Ohm’s law, V=IR, to 
determine the resistance of a section of wire.  A current source is attached to the section of 
material, and a current of known value is placed on that section.  A voltmeter is then attached 
inside the section of material that has the electrical current flowing within.  By measuring the 
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voltage drop over a known distance of the sample, the resistance (in Ohms) can be calculated 
(R=V/I).  A schematic diagram of this measurement technique is shown in Figure 10. 
 
 
Figure 10:  Four-point probe measurement setup 
 
 The resistivity can be calculated from the resistance determined via Ohm’s Law.   The 
resistivity is determined by the relationship: 
 
where  is the resistivity, R is the measured resistance, A is the cross sectional area, and l is 
the length between leads of the voltmeter.  The length between leads was set at 40mm, and 
the diameter was measured three times for each sample at different places following 
measurement of resistance.  Care was taken to avoid introducing any surface contact 
disparities between samples, acetonitrile gloves were worn during all handling of the wires. 
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3.2  Scanning Electron Microscopy 
The Al-Sr samples were examined using scanning electron microscopy in an effort to 
observe the growth rate of the intermetallic compound as the microstructure progresses from 
a two-phase composite (pure Al and Sr) to a three-phase structure (Al, Sr, and an 
intermetallic compound), and finally back to a n-phase structure (Al, Sr, and Al/Sr 
intermetallic compounds) where n is any number of phases.  This transition was monitored 
using backscattered electron (BSE) imaging.  For heat treatments at 573K, a sample from 
each wire was examined after each heat treatment step.  The samples were mounted in 
conductive epoxy rather than Bakelite, to ensure that no additional heating was imparted to 
the samples after the resistivity measurements had been taken.  Following mounting in 
epoxy, the samples were polished to a 1200-grit finish (using no lubrication) immediately 
prior to being placed in the SEM.  Lubrication was avoided to minimize oxidation on Sr 
sections of the sample.  Backscattered electron images were taken of the wire segments to 
document any composition or morphological changes; the large atomic number differences 
between Al (Z=13) and Sr (Z=38) provided strong contrast in the SEM/BSE mode.  Filament 
thicknesses and phase percentages were measured from images taken in SEM/BSE mode of 
samples heat treated at 573K. 
 
3.3  Differential Scanning Calorimetry 
Differential scanning calorimetry (DSC) was used as a comparative tool in order to 
determine the degree of reaction completeness.  The samples were flattened slightly prior to 
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insertion into Al DSC pans and sealed.  The flattening increased the sample’s contact area 
with the pan. The little plastic deformation is thought to be so small that it did not 
appreciably alter the microstructure.  The sample was raised to a temperature of 323K (50°C) 
and held for one minute to stabilize the temperatures.  A heating rate of 10K/min was then 
employed up to 623K (350°C) with the difference in heat flow between an empty Al pan and 
a pan with the Al-Sr composite therein measured.  The relative heights and positions of any 
reactions were compared as a gauge for reaction completeness.  Comparisons could then be 
made between a sample that was heat treated for a long time at high temperature to the heat 
flow of other heat-treated samples.  While this method does not yield a quantitative 
comparison for the reaction completion percentage, it can provide a qualitative comparison. 
 
3.4  X-Ray Diffraction 
X-ray diffraction (XRD) was used to provide a quantitative measure for the 
percentage of reaction completed in a given sample.  Samples 1cm long from eight heat 
treatment stages were sent to the 11-BM mail-in diffraction program at the Advanced Photon 
Source at Argonne National Laboratory.  A small amount of super glue was applied to the 
bottom of the wire samples to adhere them to the provided mounting bases.  This was 
required due to the somewhat irregular diameter of the Al-Sr wires and the improperly sized 
mounting hole as provided by APS.  There the samples were exposed to high-energy x-rays 
while being spun around the axis of deformation as a diffraction pattern was being collected 
in a charge-coupled device (CCD).  The CCD scanned through the two-theta angle range of 
0.5 to 49.996 degrees during the diffraction, providing resolution of 0.001 degrees (two-
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theta).  The wavelength of the beam used was 0.41413 Å.  The plots were normalized to the 
highest intensity peak in the Al diffraction pattern.  The peaks were indexed with respect to 
which phase contributed it, and the Al-Sr intermetallic peaks were compared.  The strongest 
peaks of the intermetallic phase were chosen for this comparison to reduce the signal-to-
noise ratio. 
3.5 Tensile Testing 
Tensile tests completed on pure Sr samples did not conform absolutely to the ASTM 
E08 standard, which requires a 4:1 ratio between the gauge length and diameter.  Tensile 
samples were machined by lathe utilizing a layer of mineral oil to keep the newly exposed 
metallic Sr from rapidly oxidizing.  Tensile samples were created that were approximately 
26mm in gauge length, and 11mm in diameter.  A final pass with the lathe cutting tool was 
taken by hand to introduce a small yet gradual reduction in diameter in the middle of the 
sample as allowed by ASTM E08. 
 
 
Figure 11:  Sr tensile sample following machining. 
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 Tensile testing was done using cylindrical clamp grips on an Instron 3367 load frame.  
Two tensile samples were tested at 1mm/min (10
-4
s
-1
), and another two were tested at 
10mm/min (10
-3
s
-1
) strain rate.  The samples were pulled to fracture with a 25mm 
extensometer attached.  Following failure the fracture surface was quickly coated with 
mineral oil. 
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CHAPTER 4:  EXPERIMENTAL RESULTS AND DISCUSSION 
4.1  Resistivity Measurements 
Resistivity measurements were completed on the Al-Sr composite at times and 
temperatures as indicated in Table 4 and Table 5.  Following each heat treatment, the wires 
were gently straightened, then resistance and diameter measurements were taken at three 
points down the length of the wire.  Seven wires were tested at each time and temperature 
combination.  The resistivity measurements are shown plotted versus time (logarithmically) 
for the initial heat treatments in Figures 12-15 and additional heat treatments in Figure 16-18.  
Error bars shown in each figure are plus and minus one standard deviation for each data 
point. 
 Resistivity measurements were also completed on a section of 99.99% pure Al wire 
following annealing to determine the accuracy of the measurements.  The pure Al wire 
resistivity was measured to be 2.73 ·cm.  The literature value for the resistivity of pure Al 
is 2.63 ·cm [38].  The literature resistivity values were measured on highly pure Al 
samples (>99.999% Al).  The measured value for the Al used in this study was 4% greater 
than literature values.  This error can be attributed to oxide accumulation on the device leads, 
sample surface, humidity in the air, and impurity contributions to resistivity.   
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Figure 12: 483K Resistivity Measurements (All) 
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Figure 13: 513K Resistivity Measurements (Initial Matrix) 
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Figure 14: 543K Resistivity Measurements (Initial Matrix) 
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Figure 15: 573K Resistivity Measurements (Initial Matrix) 
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Figure 16: 513K Resistivity Measurements (Inflection Point Matrix) 
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Figure 17:  534K Resistivity Measurements (Inflection Point Matrix) 
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Figure 18: 573K Resistivity Measurements (Inflection Point Matrix) 
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Resistivity values for all samples approached the value of 3.095 ·cm prior to 
beginning any significant increases in resistivity, which allowed this value to be used as 0.  
This behavior can be seen in Figures 12-15.  Interestingly, when the samples are heat treated 
to a time that was expected to be within the inflection point of the reaction, the resistivity 
value is higher than 0; yet upon subsequent heat treatments, the resistivity drops again prior 
to increasing at a rapid rate.  This can be observed clearly in Figure 17, Figure 18, and 
weakly in Figure 12.  This behavior is expected to have occurred in the 513K samples as well 
(Figure 16), yet it is believed that the measurement steps were too large to observe it at this 
temperature, or it may have occurred prior to the first measurement.  The plateau in 
resistivity values after times when annealing would be expected to have finished suggests the 
possibility that the reaction is not as simple as: 
 
 
Rather the reaction may be more complex, such as: 
 
 
If so, the first reaction resulting in a small yet observable increase in resistivity occurs rather 
quickly, so studying the kinetics of this potential reaction was not possible with the given 
experimental setup.  In addition, the plateau in resistivity values may be not be caused by the 
formation of an intermetallic phase.  Recrystallization may be occurring during this section 
of the heat treatment, thereby reorienting grains and reducing residual stress in the Al matrix 
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and Sr filaments.  Unfortunately, resistivity data alone cannot determine which of these is/are 
occurring during this plateau. 
 The resistivity values increased rapidly following the plateau and were used to 
determine the reaction kinetics.  Using equations described in Chapter 1, the activation 
energy was calculated.  The 0 value was determined to be 3.095 ·cm, leaving only the 
max value undetermined.  The max value was obtained from the 573K, 49-hour sample.  The 
reaction at this temperature was observed to proceed rather quickly through examining 
resistivity values as a function of time, indicating that at this high temperature and long time, 
the rapid reaction will be complete.  The value from max used for calculating the 
transformation fraction (x) was 32.8 ·cm.  The transformation fraction was plotted versus 
the time per the equation (Figure 19): 
 
 
This allowed linear regression by least squares to be performed to determine the constants n 
and k.  The 483K data were omitted from this calculation due to the consistently large 
standard deviations from the mean for each heat treatment, indicating an inconsistent furnace 
temperature and reaction rate.  The remaining three temperatures (513K, 543K, and 573K) 
were plotted, and a linear regression line was developed to determine the constants n and k. 
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Table 6:  Linear regression constants for reaction data near inflection point. 
Temperature (K) n k (s
-1
) 
513 0.591 8.00x10
-6
 
543 1.54 6.23x10
-5
 
573 2.78 1.10x10
-4
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Figure 19:  Plot determining linear constants for 513K, 543K, and 573K. 
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From the constants, the reaction energy was be determined by plotting the natural logarithm 
of k against 1/RT, a linear regression by least squares fit was then completed where the slope 
of the line is the activation energy for the reaction. 
 
 
Figure 20:  Linear regression to determine activation energy 
 
Using this method, the activation energy (Q) was calculated to be 108 kJ/mol.  
Comparing the calculated value of the activation energy to that of similar literature values 
and Wongpreedee’s DMMC breakdown measurements provides some insight into this 
activation energy.  No activation energy for Al-Sr intermetallic formation was found in the 
literature, however activation energies for other Al intermetallic systems provide perspective 
on the value calculated for Al-Sr intermetallic formation.  Philofsky investigated the reaction 
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kinetics of Al-Au intermetallic compounds via diffusion couples over the range of 473-733K 
[46].  In the Al-Au diffusion couples studied by Philofsky, five of the intermetallic 
compounds possible in the system were observed after long times at temperature.  Unable to 
separate the kinetics of any one intermetallic compound’s formation from another, Philofsky 
calculated the activation energy for the entire system and determined it to be 63.6 kJ/mol.  
The activation energy of the Al-Sr intermetallic layer is higher than this value, although not 
by a large amount. 
However, the comparison Wongpreedee made between the DMMC activation energy 
for diffusion and literature values provides insight into aspects affecting the low activation 
energy measured in the Al-Sr system.   Wongpreedee calculated the activation energy for the 
breakdown of an Au-14 at.% Ag via diffusion to be 141 kJ/mol [25] which  was lower than 
similar diffusion studies of Ag diffusion in Au giving values between 168 and 202 kJ/mol 
[49].  Wongpreedee attributed the low value of the activation energy to a number of factors 
including increased defect concentrations at the interface leading to dislocation pipeline 
diffusion and the chemical potential /capillarity effects stemming from the small radius of 
curvature in DMMC composites.  The Gibbs-Thompson effect states that the chemical 
potential of an atom on a curved surface can be expressed by =0+V where 0 is the 
chemical potential of an atom,  is the surface energy, V is atomic volume, and  is the 
surface curvature.  Porter and Easterling suggest that in materials where the radius of 
curvature enters the range of 10nm the capillarity effect plays an important role [29].  These 
same factors are present in the Al-Sr DMMCs, potentially leading to low activation energy 
for the formation of the intermetallic compound. 
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Also contributing to the low activation energy in the Al-Sr DMMC system is the 
reactive nature of Sr.  Previous DMMC studies have typically investigated elements that are 
much more noble than Sr.  Sr metal quickly reacts with water and oxygen even at room 
temperature to form an oxide, quickly donating two electrons to stabilize the oxide.  
Additionally, the Al-Sr DMMC has been extensively deformed starting from Al and Sr 
bundled wires, resulting in intimate contact between atomically clean surfaces.  The free 
energy of an atomically clean interface would be much higher than a phase with mixed 
atomic species, encouraging mixing that would quickly form an intermetallic compound in a 
system with almost no solid solubility.  If an intermetallic compound were formed quickly at 
this interface, it would presumably be a kinetically favored intermetallic that with additional 
time would transition to the thermodynamically favored intermetallic compound. 
 
4.2  Scanning Electron Microscopy 
Samples of the Al-Sr composite material were mounted in conductive epoxy such that 
longitudinal and transverse sections could be imaged in the SEM.  To reduce oxidation 
concerns, the samples were polished immediately prior to being put in the SEM.  However, 
even with a short time between air exposure and evacuation via the SEM vacuum system, 
some oxidation occurred, complicating image interpretation.  The first samples examined 
were the No HT (unannealed) and 573K 49 hour samples.  These samples served as a basis 
for comparison for other heat treatments.  Scanning electron microscopy was not intended to 
be a method to accurately determine composition of phases.  EDS measurements were taken, 
but due to several factors such as high oxygen contents and low peak counts, these 
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measurements were reliable for quantitative analysis; they served primarily to determine 
what elements were present. Additionally, SEM/BSE images are generated as a function of 
relative Z contrast, confounding any comparisons of elemental compositions beyond 
indicating if a phase has more of a particular element than another. 
 Longitudinal and transverse images were taken of each sample where appropriate.  
The transverse images of the Al-Sr composite display an unexpected whorl shape.  
Traditionally the microstructure in DMMC materials where both phases share the fcc crystal 
structure is one of cylindrical rods surrounded by the matrix phase.  The whorl pattern 
observed in the transverse cross section of the Al-Sr composite has been observed in a similar 
Al-Ca DMMC, another fcc-fcc DMMC, even immediately following extrusion [50] although 
the effect in the Al-Sr composites appears greater.  As the processing on the Al-Ca and Al-Sr 
composites was identical and the elemental constituents are very similar, it can be assumed 
that the whorl pattern is present in the Al-Sr composite following extrusion as well.  There 
are multiple possible explanations for this deviation from expected behavior of the transverse 
microstructure.  The extrusion was done at an elevated temperature, and during the extrusion 
the sample may have been forced to twist in order to pass through the initial die.  
Additionally, both Sr and Ca have high temperature bcc crystal structures.  The combination 
of heat and stress may induce the temporary formation of the high temperature bcc phase in 
Sr.  A bcc phase would be expected to deform in a plane strain mode, producing the ribbon 
shaped Sr filaments observed in the microstructure.  Supporting this hypothesis is the nature 
of deformation by swaging.  Swaging is known to deform materials non-uniformally, with 
greater stress / deformation occurring near the surface of the rod than at the center of the rod.  
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In the whorl pattern, the very outside edges of the piece often show the thinnest and longest 
ribbons, whereas near the center, nearly circular cross sections can be observed.  If a stress-
induced phase transformation were occurring, it would be expected to occur near the area of 
greatest stress, or near the outside edges of the sample in this case.  The transition from fine 
ribbons at the outside edges of the sample to nearly undeformed cylinders in the center would 
seem to support this hypothesis. 
 In all SEM/BSE images, the darker phase is Al with the lighter phase being pure Sr or 
Sr-rich phases.  Sr oxide is often present in many images, appearing white or light gray. 
Some images showed small ribbons of a third gray phase near the edge of the sample.  This is 
known to be a thin layer of Ca that was a result of “zone overlap” in the initial extrusion.  
The volume percentage of Ca observed in these images is small enough to provide a 
negligible contribution to any reaction kinetics. 
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Figure 21:  Typical transverse cross section of Al-Sr DMMC (573K 49 hours) 
 
Figure 22:  Typical longitudinal cross section (No HT) 
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The appearance of longitudinal cross sections varied based upon the position of the 
section through the Al-Sr rod.  Typical images were of an Al matrix with Sr filaments 
traversing the entire length of the sample (Figure 22).  In addition to Sr appearing in small 
filaments, Sr also appeared as a large mass of varied shapes.  This microstructure resulted 
from sectioning through the Al-Sr composite such that one of the more flat parts was in plane 
with the polished surface.  Accordingly, longitudinal images proved less useful than 
transverse sections for comparisons between microstructures.  The sectioning plane through 
the filaments was never consistent, resulting in widely varying measured thicknesses.  
Images were taken of all samples in longitudinal cross sections, yet transverse sections were 
used to illustrate any changes that may have occurred.  
 
 
Figure 23: Longitudinal cross section showing a thick Sr region (No HT) 
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 A comparison of microstructures across the range of heat treatments near the 
inflection point for the 573K sample allowed for an analysis of the reaction that is observed 
by electrical resistivity measurements.  The whorl pattern that developed made comparison of 
filament thickness inaccurate and thus could not be used. 
 The Sr in the samples that had not been heat treated oxidized at such a rate that no 
amount of pure Sr could be imaged.  However, the oxide or groove left after the oxide 
exfoliated was in the shape of the Sr prior to oxidation.  Assuming that any AlxSry 
intermetallic would have a slower oxidation rate than pure Sr, the rapid oxidation of the 
filaments suggests that no reaction had occurred yet between Sr and Al in the No HT 
(unannealed) specimens.  The interface between Al and Sr was observed to be rough yet 
relatively planar in all samples.  The large Z difference between Al and Sr provided a sharp 
interface in the SEM images.  In the No HT sample, the rapid oxidation of Sr provided a 
unique view of the interface as the oxide broke away from the interface.  Small areas of 
roughness were observed throughout the entire length of the Al-Sr interface.  The radius of 
curvature of the roughness varied, from tens of micrometers to micrometers.  The shape of 
the interface roughness may provide an opportunity for the microstructure to break down in 
samples with longer heat treatments as a function of the Gibbs-Thompson effect. 
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Figure 24:  Longitudinal cross section of Al-Sr composite with rapid oxidation of pure Sr 
(light gray regions) in as-swaged (No HT) samples. 
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Figure 25: Transverse cross section of Al-Sr as-swaged (No HT) sample. 
 
In transverse cross section, the No HT sample is observed to have the whorl-shape 
microstructure with fine filaments.  The filaments appear larger in images due to the rapid 
oxidation of Sr to form SrO.  SrO oxide was observed to swell and crumble on any exposed 
regions of the sample. 
Subsequent heat treatments did little to change the general shape of the 
microstructure.  SEM/BSE images for samples heated to 573K for 60 minutes show that the 
filaments remain fine, and no phases other than pure Al and pure Sr were apparent.  
Oxidation did not occur as quickly in the 573K 1 hour sample, resulting in images of 
filaments that were measured at a smaller thickness and slightly lower phase percentage. 
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Figure 26: Longitudinal cross section of Al-Sr heat treated at 573K for 1 hour. 
 
Figure 27:  Transverse cross section of Al-Sr heat treated at 573K for 1 hour. 
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SEM/BSE images of the microstructures of samples heat treated at 573K for 1.33 
hours are shown in Figure 28 and Figure 29.  The morphology of the microstructure has 
changed little, yet at higher magnifications, a small amount of a third phase was observed 
around the edges of the filaments in a transverse cross section.  Transverse cross sections 
were measured for average filament thickness and phase percentage.  The filaments had 
grown slightly when compared to the 573K 1 hour sample.  Transverse images at higher 
magnifications (Figure 30) show a small amount of a third phase around the outside of some 
filaments that may have contributed to the increased thickness of the filaments.  However, 
these third phase regions were too small to yield any accurate EDS spectra to determine 
elemental constituents. 
 
 
Figure 28:  Longitudinal cross section of Al-Sr heated at 573K for 1.33 hours. 
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Figure 29:  Transverse cross section of Al-Sr heated at 573K for 1.33 hours. 
 
Figure 30: Third phase (intermediate shade of gray) at Al-Sr interface (573K 1.33 hours) 
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Samples were also imaged after heat treatments at 573K for 1.67 and 2 hours.  At a 
large scale, the microstructure remained similar to the No HT, 1 hour, and 1.33 hour samples.  
However, at higher magnifications the phase that was observed on the interface in Figure 30 
is now visible at greater thicknesses.  Figure 31 and Figure 32 show transverse micrographs 
illustrating the increased thickness of the third phase at the Al-Sr interface.  The additional 
phase was observed as nearly encompassing many Sr filaments in the transverse orientation 
in both samples.  This supports the hypothesis that this is an additional phase forming and 
growing was and not merely residual Sr embedded in the surface layer due to polishing 
artifacts. 
 
 
Figure 31:  Interface phase in 573K 1.67 hour sample. 
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Figure 32:  Interface phase in 573K 2 hour sample. 
 
The Al-Sr 573K 49 hour sample was imaged to observe the microstructure in what is 
assumed to be the fully reacted state.  The observed microstructure was strikingly similar to 
the as swaged (No HT) sample, although oxidation was not as extensive.  Longitudinal 
images of the composite showed an Al-matrix with fine second phase filaments running the 
entire length of the sample.  There may be no pure Sr remaining in this specimen, since only 
limited oxidation occurred. 
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Figure 33:  573K 49 hours longitudinal cross section. 
 
It is interesting to note that the interface between the Al matrix and the second phase 
filaments remains sharp even with long times at 573K.  In addition, the interface appears well 
bonded between the two phases.  Images of the 573K 49 hours samples also show two phases 
within the filaments.  There is a dark gray phase, (Al), a light gray phase (SrO), and a bright 
white phase (Al-Sr mixture) that was observed in the filaments in both transverse and 
longitudinal samples.  EDS was used to confirm the atoms present in each phase.  An EDS 
spectra are shown for a transverse section of the Al-Sr composite that has been heat treated at 
573K for 49 hours (Figure 35 and Figure 36). 
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Figure 34:  573K 49 hours filament in longitudinal cross section.  EDS suggests that the 
intermediate gray phase is Al-Sr intermetallic, the dark gray phase is Al, and the light gray 
phase is Sr (oxide).   
 
 
68 
 
 
Figure 35:  Locations of EDS spectra of 573K 49 hours.  Transverse cross section. 
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Figure 36: EDS Spectra from selected points of a 573K 49 hours sample. 
 
The bright white phase occurred largely on the edges, yet was observed near the center in 
some places.  Because the bright white phase is lighter than the other phases, it must have a 
higher average Z, presumably from a higher Sr content.  EDS shows that the darkest phase 
(spectrum 1) is entirely Al, yet the intermediate gray phase (spectrum 2) has both Sr and O 
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atoms.  It can be inferred due to the oxidation of Sr that this section would be 100% Sr if 
oxidation had not happened.  The third, lightest gray phase (spectrum 3 and 4) was identified 
by EDS as containing Sr and Al.  Small amounts of oxygen were detected in this phase yet 
they are barely above the background.  EDS data confirm that rather than the microstructure 
spheroidizing, intermetallic compound formation is occurring as heat treatments progress. 
 In the 573K 49 hour sample, the general morphology of the microstructure has not 
changed from the initial, unannealed state.  Wongpreedee’s work [25-27] showed that 
electrical resistivity increases may occur due to the breakdown of the filament microstructure 
in the composite by solutionizing the filaments.  In the Al-Sr DMMC, no solutionizing has 
occurred between the Al or Sr.  Additionally, no microstructure change has occurred via the 
transformation of the filaments into spheres since at long times and high temperatures the 
shape of the second phase filaments remained consistent.  Thus, it appears that the possibility 
of the resistivity increasing due to spheroidization is not a factor in these specimens, and the 
only remaining possibility for the rapid increase in resistivity is the formation of one or more 
intermetallic compounds. 
 To compare the morphology of the microstructure, transverse SEM/BSE images were 
measured for filament thickness and phase fraction.  Measurement bias was reduced in the 
thickness measurements by placing four lines intersecting at the center of the wire and 
measuring the thickness where the filament intersected the lines.  The phase fraction was 
measured by printing the SEM images such that each was 9in by 6.75in, overlaying a grid 
made up of 0.25in by 0.25in squares and counting the number of total intersections compared 
to intersections that land on the second phase. The filament thickness for the No HT sample 
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was likely skewed larger than actually present due to the swelling effect of the rapid 
oxidation that took place prior to insertion into the SEM.  The oxide spalled and crumbled 
out onto the surface following polishing, making the filaments appear larger than in later 
samples that had been head treated. 
 
Table 7: Microstructure changes with heat treatments in Al-Sr composites 
Sample No HT 573K 
1 hr 
573K 
1.33 hr 
573K 
1.67 hr 
573K 
2 hr 
573 
49 hr 
Filament Thickness (m) 10.6 8.57 10.5 14.0 13.9 16.7 
% Second Phase 11.4 9.1 12.3 15.6 14.5 17.8 
 
 
 The samples with no heat treatment and heat treated at 573K for one hour show very 
few changes in microstructure.  The 573K 1 hour heat treatment lies within the initial plateau 
of the resistivity measurements, indicating that the resistivity increase is not by nature a 
morphology or phase formation increase.  Possible explanations for the resistivity plateau 
that remain possible include a loss of texture through recrystallization and the relaxation of 
residual stress in the Al matrix.  However, a clear trend is observed in the samples as the 
phase fraction and filament thickness increase almost universally as the time at temperature 
increases.  The exception to this increase is between 1.67 hours and 2 hours samples, and in 
that case the change is probably attributable to small variations between samples.  
Longitudinal cross sections of the samples show that the filaments are not growing in the 
transverse direction at the expense of the longitudinal direction:  Longitudinal filaments 
remain visible in roughly equal proportions as heat treatments progressed. 
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 The increase in second phase percentage from 9% to nearly 18% as the Al-Sr 
composites were heat treated for 49 hours at 573K constitutes a moderate amount of Al/Sr 
transforming into a third phase.  This is to be expected, as the intermetallic phase would 
require significant amounts of Al to form.  Al would be diffusing into Sr at a much quicker 
rate than Sr would diffuse into Al due to the large difference in the sizes of Al and Sr atoms, 
resulting in a shell forming on the outside of the Sr filaments that appears to grow into the Al 
matrix. 
 
4.3  Differential Scanning Calorimetry 
DSC scans were completed on samples from the 513K, 543K, and 573K heat 
treatment matrixes.  Samples were heated to 323K and held for one minute, then heated at a 
rate of 10K per minute to 623K°C.  First, an empty Al pan was run to allow baseline 
subtraction to remove any effects of the sample pan from the DSC plot.  Al-Sr samples 
analyzed are shown in Table 8.  These samples were chosen to investigate the samples during 
the inflection point of the resistivity curve.  In addition to the samples listed in Table 8, two 
samples were measured as baselines for comparison: No HT and 573K 49 Hour sample as 
beginning and end of reaction respectively.  These DSC plots are shown in Figures Figure 
37-43. 
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Table 8:  Heat Treated samples analyzed via DSC 
Temperature 
(K) 
Time (hours) 
513 8 16.5 24 32   
543 1.5 2 2.5 3 3.5 4 
573 0.67 1 1.33 1.67 2 2.33 
 
During heating, the sample that has undergone no heat treatment (No HT) transitions 
from being endothermic to exothermic at near 523K (250°C).  The broad exothermic nature 
of this peak suggests that rather than a reaction taking place, a process such as annealing is 
likely occurring.  The as-swaged (No HT) sample likely possessed a much greater dislocation 
density than that of later samples that have been heat treated.  The heat treatment 
temperatures are all within the 40-60% of the melting temperature of both constituent metals, 
thereby reducing the dislocation density after a relatively short period of time at temperature. 
 Figure 37 shows all the DSC scans plotted versus temperature for the samples heat 
treated at 513K as well as the No HT and 573K 49 hour samples for comparison.  At 513K, 
with increasing time at temperature, the endothermic heat flow of the samples decreases.  
The trace for 513K 8 hours (second from the top at far right) has made a considerable 
increase in heat flow when compared to the as-swaged (No HT) sample.  The downward heat 
flow trend begins in the subsequent samples heat treated at 513K for 16.5, 24, and 32 hours.  
As the heat treatment times increase in the 513K samples, the heating of the sample becomes 
less endothermic when compared to the empty Al pan.  This trend continues downward in all 
the 513K samples, indicating that the sample is requiring less energy to heat to these 
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temperatures.  This decrease in energy required to heat the sample as the sample is held at 
temperature for longer times can be attributed to the slight variations in sample composition 
from one wire sample to another.  In addition to effects lowering the DSC trace, there is also 
an exothermic peak that occurs at approximately 535K that is much smaller in magnitude and 
temperature range than the peak that occurred in the No HT sample.  The exothermic peak 
increases in magnitude with increased time at 513K.   
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Figure 37: DSC traces for several samples heat treated at 513K (full scale) 
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An enlarged view of the region near the exothermic peak near 535K is shown in Figure 38 
for heat treatments at 513 K.  This peak does not occur in the sample that has not been heat 
treated, although it is present (faintly) in samples that have been heat treated for the 513K 
heat treatments.  This peak is however still observed in the 573K 49 hour sample, 
demonstrating that the reaction that is occurring to release this energy has not completed 
itself even at these long times at high temperature. 
 
 
Figure 38:  Exothermic peaks near 535K in samples heat treated at 513K 
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Figure 39:  DSC Traces for 543K heat treatments (full scale) 
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DSC traces for samples heat treated at 543K are similar to the traces seen in samples heat 
treated at 513K ( 
Figure 39 and Figure 40).  When compared for the exothermic peak near 535K, the peak is 
not easily observed in all the 543K samples.  The peak is rather evident in the sample heat 
treated for 1.5 hours at 543K, yet becomes smaller in magnitude as the length of the heat 
treatment increases.  This suggests that the reaction that is producing this peak has a rate 
limiting step, resulting in a peak that grows as the reaction is accelerating, yet a smaller peak 
when the reaction slows. 
 
Figure 40: Exothermic peaks near 535K for samples heat treated at 543K. 
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An examination of the DSC traces for samples heat treated at 573K follow similar trends to 
the traces for 513K and 543K.  However, the 573K DSC traces capture the transition of the 
sample from the as-swaged state to the loss of the large exothermic peak seen only in the No 
HT sample previously.  Figure 41 shows the DSC traces at full scale with the No HT and 
573K 49 hours sample included for comparison.  Figure 42 shows a comparison of DSC 
traces that detail the transition as the large exothermic peak around 570K reduces in 
magnitude.  Previous DSC traces for 513K and 543K likely missed this peak decline due to 
the longer times between heat treatment steps. 
 The loss of the large exothermic peak in the 573K samples corresponds to the plateau 
in the plot of resistivity for 573K heat treated samples prior to the rapid increase in 
resistivity.  The correlation between the reduction of this peak and the plateau of resistivity 
suggests that a microstructural change is occurring within the sample to reduce the large 
exothermic peak and cause a small yet noticeable jump in the resistivity. 
 Comparing the DSC traces for the samples heat treated at 573K around the 
exothermic peak near 535K adds more insight into the change occurring at this temperature.  
The peak is present in small magnitudes for samples at all heat treatment times with little 
variation in peak magnitude.  The peak beginning at 535K is present in all DSC traces from 
heat-treated samples.  The magnitude of the exothermic peak was largest in samples heated at 
513K for 32 hours and 543K for 1.5 hours, suggesting that the kinetics of this reaction are 
quite sluggish at temperatures below 523K, yet rapid above 523K.  The magnitude of the 
peaks at 513K increase as the sample is heated for longer times, indicating that the 
microstructure is in a more favorable state for the reaction to occur as the sample is heated. 
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Figure 41:  DSC traces from samples heat treated at 573K. (Full scale). 
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Figure 42:  DSC traces of samples heat treated at 573K showing the decline of the large 
exothermic peak present in the No HT sample. 
The two exothermic peaks observed on the DSC plots occur at drastically different 
time scales.  The large exothermic peak with a maximum around 570K was observed only in 
samples with short heat treatment times.  This peak corresponds to the initial increase and 
plateau of resistivity values in the 573K samples, yet in comparison to SEM micrographs no 
large scale microstructural changes were observed.  Since this peak was quite large and 
exothermic, any microstructural changes such as phase formation or filament breakdown that 
were occurring would have been readily observed in the microstructure. 
82 
 
 
Figure 43:  Exothermic peak near 535K for samples heat treated at 573K. 
 
However, the exothermic peak that begins at 535K is present in all heat treated 
samples, including the sample that was heat treated for 49 hours at 573K.  This peak was not 
observed in the sample that had not been heat treated.  Therefore the reaction that is 
occurring to generate this peak is a thermally activated process, requiring time at temperature 
to begin.   The magnitude of this peak varies with time and temperature, suggesting that the 
reaction begins, accelerates and becomes rate limited yet is not complete even after 49 hours 
at 573K.  This behavior is what would be expected to occur for the formation and growth of 
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an intermetallic compound on the edges of the filaments as observed in the SEM/BSE 
images.  Resistivity values also corroborate this.  These data confirm that the intermetallic 
compound is initially forming a high-resistivity shell around the outside of the Sr filaments, 
yet due to slow diffusion and the complex stoichiometry of the intermetallic compounds in 
the Al-Sr system, the growth rate is limited after the initial shell of intermetallic compound 
has been formed.  The stoichiometry(ies) of the intermetallic(s) formed in this reaction 
cannot be determined by DSC measurements. 
 
4.4  X-Ray Diffraction 
Samples were selected across a range of processing temperatures and times for 
diffraction via synchrotron radiation at the Advanced Photon Source at Argonne National 
Laboratory.  Each sample was approximately 1cm long, and 1.1mm in diameter.  The 
wavelength used to diffract the Al-Sr samples was 0.412413 Å.  The data obtained for counts 
were normalized such that the highest peak was assigned a value of 1 to allow relative peak 
comparisons.  Figure 44-Figure 51 show the full-scale diffraction patterns generated.  
Inspection of these figures shows that the Al-Sr samples are heavily textured in their initial 
state, and subsequent heat treatments allow for reorientation of grains and modification to 
this texture.  Since the largest volume percentage of the composite is pure Al, Al peaks dwarf 
all other phases’ peaks. To adequately label peaks for plane / phase and compare intensities, 
the y-axis (normalized counts) was zoomed to make the smaller phase fractions more visible.  
No data were modified during this process; only the y-axis scaling was changed.  Figure 52-
Figure 59 show the XRD plots that have been scaled so the y-axis is 1/20
th
 of the height of 
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the maximum peak.  Since the intensity of the strongest peaks is in the hundreds of thousands 
of counts, even 1/20
th
 of this number is in the tens of thousands of counts.  Using Pearson’s 
Handbook of Crystallographic Data [51], the peaks were identified and labeled.  Some peaks 
overlapped with peaks from other phases or were unidentifiable.  Due to the large number of 
peaks associated with the intermetallic compounds in this system, only peaks that could 
definitively be identified as one and only one phase were labeled and used for comparison. 
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Figure 44: Al-9Sr no heat treatment XRD (full scale) 
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Figure 45: 483K, 24 hours XRD (full scale) 
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Figure 46: 513K, 8 hours XRD (full scale) 
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Figure 47: 543K, 1.5 hours XRD (full scale) 
89 
 
 
Figure 48: 543K, 2 hour XRD (full scale) 
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Figure 49: 573K, 0.67 hour XRD (full scale) 
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Figure 50: 573K, 1 hour XRD (full scale) 
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Figure 51:573K, 49 hours XRD (full scale) 
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Figure 52: No heat treatment XRD (zoomed) 
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Figure 53: 483K, 24 hours XRD (zoomed) 
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Figure 54: 513K, 8 housr XRD (zoomed) 
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Figure 55: 543K, 1.5 hours (zoomed) 
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Figure 56: 543K, 2 hours XRD (zoomed) 
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Figure 57: 573K, 0.67 hour XRD (zoomed) 
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Figure 58: 573K, 1 hour XRD (zoomed) 
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Figure 59: 573K, 49 hours XRD (zoomed) 
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Figure 60: 573K, 49 hours zoomed XRD with labeled peaks. 
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The large number of peaks present for each crystal structure made phase identification 
difficult.  Figure 60 shows the peaks that can be attributed to particular phases in the 573K, 
49 hour heat treatment sample for 0-25 degrees two theta.  The Al4Sr and Al2Sr (101) peaks 
are close enough together to be considered as overlapping, yet this peak could not be 
attributed to any other phase.  For those peaks that could be identified as arising from only 
one phase, the absolute intensities may be compared to determine a reaction completion 
fraction.  The peaks chosen for comparisons between all samples are: Al4Sr / Al2Sr (101), 
Al7Sr8 (231), Al7Sr8 (410) / (322), Al (111), Al (200), Sr (200) and Sr (111). 
 
Table 9: Selected peaks in Al-Sr system for comparison 
Peak Peak Intensities (counts) 
 No HT 483K 
24 hr 
513K 
8 hr 
543K 
1.5 hr 
543K 
2 hr 
573K 
0.67 hr 
573K 
1 hr 
573K 
49 hr 
Al4Sr / 
Al2Sr 
(101) 
 
-- 
 
-- 
 
-- 
 
-- 
 
-- 
 
-- 
 
-- 
 
525 
Al7Sr8 
(231) 
-- -- 487 -- -- -- -- 2440 
Al7Sr8 
(410) 
(322) 
 
-- 
 
581 
 
609 
 
-- 
 
640 
 
-- 
 
-- 
 
3283 
Sr 
(111) 
3602 79653 102705 70073 103360 105679 98180 13100 
Sr 
(200) 
1145 10279 10408 9422 10353 11313 10792 1331 
Al 
(111) 
24506 8926 5295 23566 4800 3548 10740 3769 
Al 
(200) 
153218 429457 553664 358198 369712 605657 315402 513085 
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Texture effects are clearly evident in these diffraction patterns.  For example, the most 
common fiber texture in fcc crystals is a mix of <001> and <111>, so the low intensities of 
the (111) planes in the No HT specimen are consistent with a strong <111> fiber texture, 
which orients (111) planes so they have little diffraction intensity visible in diffraction 
patterns taken with the x-ray beam passing through the wire sample perpendicular to the wire 
centerline.  The low intensity of the (200) plane in the No HT pattern suggests that the 
dominant texture is <111>, not <001>, because a <001> fiber texture would produce a strong 
(200) peak in the No HT sample.  Once the annealing procedures began, this fiber texture 
was quickly lost, and the diffracted intensity of the (111) and (200) planes increased sharply. 
As the composite is deformed, texture will develop quickly, yet as the composite is exposed 
to elevated temperatures, the grains possess large dislocation densities that will aid in a quick 
transition to either an untextured state or to a new, recrystallization texture. Also shown in 
Table 9 are the peak intensities for Al.  The texture in Al is different from the texture in Sr.  
Al shows strong <111> texture as well, however, the high peak intensity of the (200) planes 
would suggest that the dominant texture is <001>.  The low intensity of the (111) peak after a 
heat treatment at 573K for 49 hours suggests that the <111> fiber texture in Al has not 
decreased.  However, this loss of texture for Sr in the samples corresponds to the increase 
and plateau of resistivity values around these heat treatment times. 
In the 573K 49 hour sample, the Sr (111) and (200) peaks have decreased 
considerably.  Since there has been no mechanical deformation to reintroduce texture to the 
samples, the decrease in Sr peak intensities requires that a major decrease in pure Sr occurred 
within the composite between the 573K 1 hour and 49 hour samples.  Few intermetallic 
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peaks were observed prior to the 573K 49 hour sample, suggesting that the intermetallic 
formation occurred after the resistivity plateau and likely during the rapid resistivity 
increases near the inflection points of the curves.  In addition, the primary peaks observed in 
the 573K 49 hour sample are those of the Al7Sr8 intermetallic system, yet peaks that can be 
attributed to the Al4Sr or Al2Sr systems were observed in the diffraction pattern also.  The 
presence of these peaks at 573K 49 hours suggests that slow diffusion through the Al7Sr8 
intermetallic is kinetically limiting the formation and growth of Al2Sr and Al4Sr.  Thus, it 
appears that there was relatively quick formation of Al7Sr8, followed by slow diffusion of Al 
into and through the intermetallic to allow growth and conversion to Al2Sr and Al4Sr.  The 
complex nature of ordered intermetallic diffusion and growth presumably slows the change 
from the kinetically favored intermetallic (Al7Sr8) to the thermodynamically favored 
intermetallic (Al4Sr).  The Al4Sr intermetallic phase is assumed to be thermodynamically 
stable due to its higher melting temperature compared to the other intermetallic phases in this 
system. 
The presence of multiple intermetallic compounds from the Al-Sr system at high 
annealing times and temperatures is consistent with Philofsky’s study of the Al-Au system, 
where numerous intermetallic compounds were observed even following long-duration, high-
temperature heat treatments [46].  This suggests that in systems where multiple intermetallic 
compounds are possible, reactions may be slow to reach completion.  This is likely caused by 
the ordering and increased directional bonding between atoms of intermetallic compounds, 
which is known to reduce diffusion rates by an order of magnitude or more in intermetallics 
vis-a-vis metals. 
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 The results from the XRD analysis were consistent with results from resistivity 
measurements, SEM images, and DSC traces; confirming that the Al7Sr8 intermetallic did not 
cause the initial increase and plateau in the resistivity values.  XRD analysis corroborated 
findings from previous tests proving that the microstructural change that has occurred during 
the large spike in resistivity is the formation of the Al7Sr8 intermetallic.  The tests performed 
on this material demonstrated that this reaction was not complete after 49 hours at 573K, and 
that intermetallic compound formation and growth were still ongoing, albeit at a much slower 
rate than initially. 
 
4.5  Sr Tensile Properties 
Sr tensile properties were measured on pure Sr metal provided by the Materials 
Preparation Center at Ames Laboratory.  Two strain rates were used to investigate the strain 
rate dependence of Sr in addition to the elastic modulus and yield point, 6.5x10
-4
s
-1
 and 6x10
-
3
s
-1
.  All data are engineering stress and strain. Figure 61 shows tensile test data up to sample 
failure at the 6.5x10
-4
/sec strain rate.  The mechanical properties were determined and are 
shown in Table 10.  The elastic modulus and yield point were determined graphically.  The 
elongation to fracture was 9-11% in the samples tested at the 6.5x10
-4
/sec strain rate.  
However, at 6x10
-3
/sec strain rate, the elongation to fracture is approximately 5% (Figure 
62). 
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Figure 61:  Tensile plot of pure Sr metal (strain rate = 6.5x10
-4
/sec) 
 
Figure 62: Tensile plot of pure Sr metal (strain rate = 6.3x10
-3
/sec) 
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Table 10:  Mechanical properties of Sr metal at different strain rates 
Strain Rate E (GPa) y,0.2% (MPa) UTS (MPa) 
6.5x10
-4
 9.37 80.1 88.1 
6x10
-3
 13.08 86.5 101.5 
 
The strain rate sensitivity can also be calculated for pure Sr.  The strain rate 
sensitivity, m was determined by: 
 
where C is a constant, y is the yield strength, and  is the strain rate.  The strain rate 
sensitivity, m, for Sr was determined to be 0.0369, and the empirically determined constant, 
C, was calculated to be 104 MPa. 
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CHAPTER 5:  SUMMARY & CONCLUSIONS 
The Al-Sr system is complex, and this study has not fully elucidated all aspects of the 
reaction from two pure elements to eventual intermetallic compound formation; however, 
this study has determined the following: 
 Deformation processing shows potential to produce an Al-Sr composite conductor 
wire for power transmission that has resistivity near the values of pure Al and that can 
be heat treated in-situ to form an intermetallic compound that may improve elevated 
temperature strength without substantially changing density. 
 The activation energy for the formation of the Al7Sr8 intermetallic compound was 
calculated to be 108 kJ/mol.  This value is likely low when compared to the activation 
energy for this reaction that might be determined by using diffusion couples due to 
the effects of dislocation pipeline diffusion and capillarity / surface energy. 
 The initial plateau in resistivity is not caused by a microstructure change, but likely 
rather by recrystallization and removal of residual stress in both matrix and filaments.  
SEM images show negligible changes in filament thickness and phase percentages 
during this plateau while DSC measurements show that a large exothermic peak is 
decreasing in magnitude at this point.  The time scale over which this plateau occurs 
is quick at elevated temperatures, yet longer than would be expected for simple 
annealing at these temperatures. 
 The Al7Sr8 intermetallic compound forms fairly rapidly at temperatures greater than 
523K, but Al7Sr8 forms quite slowly below this temperature.  For applications 
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operating at temperatures below 523K, the reaction to form the intermetallic 
compound happens on the order of hours to days, allowing an Al-Sr composite 
conductor to operate over wider temperature ranges than can conventional power 
transmission conductors. 
 The whorl structure observed in the transverse images showed that the standard 
morphology expectations for fcc-fcc DMMC materials are invalid for the Al-Sr 
system.  Traditional wisdom says that the microstructure in an fcc-fcc DMMC would 
be cylindrical rods within the matrix, yet this is not observed in the Al-Sr system.  A 
hypothesis of a stress-induced phase transformation from fcc to bcc in the Sr 
filaments during mechanical processing is proposed.  Verification of this hypothesis 
will require future study. 
 Pure Sr is a metal with only moderate ductility.  Tensile testing showed that the yield 
strength and elastic modulus of pure Sr are 80.1 MPa and 9.37 GPa at 6.5x10
-4
s
-1
 
strain rate.  The strain rate sensitivity of the Sr metal was measured to be 0.0369. 
 
 There are a number of points of uncertainty in interpreting the data collected in this 
study.  Resistivity measurements were taken at 293K in air with no humidity control.  The 
measured value for pure Al utilizing the technique and device described in Section 3.1 was 
4% higher than literature values.  Resistivity values for the Al-Sr composite may vary by 
such an amount in addition to the error bars shown on plots. 
 The activation energy calculated by resistance measurements was done under the 
assumption that the sample that was heat treated at 573K for 49 hours was the completed 
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reaction.  However SEM, DSC, and XRD experiments show that this sample had not been 
completely reacted, but was still slowly reacting. 
 The oxide formation during polishing of samples for SEM imaging was quite rapid.  
The swelling and crumbling of the SrO that formed upon air exposure degraded the accuracy 
of the measurements of filament thickness and phase percentage.  Unfortunately, samples 
oxidized at different rates and were exposed to room air for different lengths of time, 
resulting in a range of oxidation damage for Sr in the SEM images.  During initial processing 
of the Sr to create 2mm diameter wires, humidity was observed to have a large effect on the 
oxidation rate, yet no humidity control was possible during polishing. 
 To properly secure the wire samples for shipping to Argonne National Laboratory for 
x-ray diffraction experiments, super glue was required around the base of the wire samples.  
The super glue was carefully applied to the interface between the sample wire and mounting 
base in order to avoid the beam interaction area.  While it is hoped that this super glue was 
not present in the beam interaction area, it must be noted as a possibility. 
 Tensile properties of the Al-Sr composite were not measured as part of this research.  
Studies of the tensile properties of the Al-Sr composite as compared to pure Al conductors 
require additional study. 
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